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Annealing of deformed metals is considered as a process necessarily leading to
softening due to the annihilation of lattice defects. However, in ultrafine-grained
(UFG) and nanocrystalline materials, annealing at moderate temperatures may
induce hardening. This review summarizes those effects that can result in
annealing-induced hardening (AH) in fine-grained materials. It is noted that only
those hardening phenomena are considered as AH effects that are not accom-
panied by the change of the phase composition and/or the grain size. Therefore,
herein, strengthening caused by precipitation is not discussed. It is shown that
heat treatment of nanomaterials can cause hardening due to the relaxation of
grain boundaries and segregation of alloying elements to the grain boundaries as
these effects hinder the occurrence of grain boundary sliding. For UFG metallic
materials processed by severe plastic deformation techniques, the annihilation of
mobile dislocations and the clustering of the remaining dislocations into low-
angle grain boundaries during annealing can yield hardening. It is also shown
that plastic deformation after annealing can cause a restoration of the yield strength
and hardness to the same level as observed before annealing. The possible reasons
of this deformation-induced softening effect are discussed in detail.
1. Introduction
It is generally believed that plastic deformation yields hardening
of metallic materials, whereas postdeformation annealing results
in softening. Plastic straining of well-annealed coarse-grained
polycrystalline metals leads to multiplication of dislocations,
and the increase in dislocation density yields strength enhance-
ment in accordance with the Taylor formula.[1] The formation of
other defects such as stacking and twin faults in low stacking
fault energy (SFE) materials also hardens
the plastically deformed samples.[2,3] For
large strains, plasticity leads to grain refine-
ment that also contributes to hardening as
suggested by the Hall-Petch equation.[4,5]
The strengthening effect of plastic defor-
mation is especially high when large strains
are achieved by severe plastic deformation
(SPD) techniques.[6] SPD methods applied
at room temperature (RT) or in cryogenic
conditions usually lead to ultrafine-
grained (UFG) or nanocrystalline micro-
structures.[7] The maximum hardness is
achieved at a grain size of about 20 nm,
and further grain refinement may yield
softening referred to as inverse Hall-Petch
behavior.[8,9] This well-known phenomenon
is caused by the change of deformation
mechanisms from dislocation slip inside the
grains to grain boundary sliding.[10,11] How-
ever, the grain size regime of the inverse
Hall-Petch behavior usually cannot be
reached by SPD techniques, i.e., deforma-
tion is believed to cause only strengthening.
Heat treatments of plastically strained metals can cause the
annihilation of dislocations and grain growth due to recovery
and recrystallization. These changes in the microstructure are
generally considered to yield softening in accordance with the
Taylor and Hall-Petch equations. Surprisingly, annealing may
also cause hardening in plastically deformed coarse-grained
metallic materials.[12–16] This phenomenon is referred to as
annealing-induced hardening (AH) or simply anneal-hardening.
It should be noted that the hardening caused by phase transfor-
mations (such as the formation of Guinier-Preston zones in Al
alloys) is excluded from AH effects.
This overview aims to summarize the existing knowledge in
the field of AH with a special emphasis on UFG and nanocrystal-
line materials. First, the reasons of the effect of AH in coarse-
grained materials are discussed. Then, the mechanisms of
AH in UFG and nanomaterials are overviewed. The results
obtained on samples processed by “bottom-up” and “top-down”
techniques are discussed in separate sections.
2. Anneal-Hardening in Coarse-Grained Materials
In the case of coarse-grained metallic materials, AH was found to
occur only in alloys at heat treatment temperatures lower than
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the recrystallization temperature, typically near the homologous
temperature of 0.3–0.4. The phenomenon of AH for coarse-
grained materials was studied mainly on Cu alloys, such as
Cu(Al) solid solutions.[16] For these alloys, the effect of AH
was observed in the temperature range of 423–523 K.[15] The first
pioneering studies on AH were published in 1950’s and
1960’s.[15,17] The term ˝anneal-hardening˝ was proposed by
Hasiguti.[17] The following features of AH were identified in plas-
tically deformed coarse-grained materials:[13,14] 1) The higher
the preliminary plastic strain before annealing, the higher the
effect of AH. 2) The higher the concentration of substitutional
alloying elements, the higher the effect of AH. 3) The higher
the difference between the atomic radii of solute and solvent ele-
ments, the higher the effect of AH. 4) The relative flow stress
increase caused by annealing decreases with increasing the
strain at which the flow stress is measured.
These experimental observations suggested that AH in coarse-
grained materials are mainly caused by the segregation of solute
atoms to dislocations during annealing. In the case of Cu(Al)
solid solutions with low SFE, the segregation of Al to stacking
faults during annealing may also contribute to hardening.[15]
This segregation also occurs at the stacking fault ribbon of
extended dislocations. It should be noted that this segregation
may result in local ordering, e.g., the formation of ordered
Cu3Al phase, which may also contribute to hardening.
[16]
It was also shown that grain boundaries usually play a crucial
role in AH in coarse-grained materials.[13] Namely, this effect did
not occur in single crystal Cu – 13.5 at% Al alloy strained by ten-
sion to 9%, whereas significant AH was observed in bicrystal
and polycrystalline (the grain size was 34 μm) specimens with the
same chemical composition and subjected to the same prestrain-
ing. Hardness profile measurements along a line perpendicular
to the grain boundary in a Cu – 13.5 at% Al bicrystal revealed that
annealing at temperatures between 373 and 523 K resulted in a
10% increase in the hardness from 1000 to 1100MPa in the
vicinity of the grain boundary, while this effect decreased to a
marginal level at a distance of 300 μm from the boundary.[13]
The AH effect was observed only for one side of the bicrystal
containing edge dislocation pile ups. The other side with screw
dislocation pile-ups exhibited softening after the same heat treat-
ments. These observations suggested that AH was caused by the
segregations of solute atoms to edge dislocations in the pile-ups
formed in the vicinity of the grain boundary of the bicrystal. The
pinning effect of the segregated solutes on the motion of edge
dislocations resulted in AH. Thus, the crucial role of grain
boundaries in AH in coarse-grained materials is the creation
of pile-ups with high dislocation density. For polycrystalline
Cu – 13.5 at% Al solid solution (with the grain size of 34 μm)
prestrained by tension for the strain of 9%, AH resulted in a
hardness increase of about 8% from 1250 to 1350MPa.[13]
Solute atom segregation to dislocations during annealing also
caused AH in coarse-grained dilute Mg – 0.3 at% Zn – 0.1 at%
Ca alloy.[18] This effect was observed only after predeformation
for a strain of about 2% before annealing. In this material, the
heat treatment at 473 K for 1 h resulted in a 20% increase of
the yield strength from 110 to 132MPa. The same increase in
hardness was achieved at lower temperatures (353 and 423 K);
however, the necessary time of annealing was higher (24 and
168 h at 353 and 423 K, respectively). The effect of AH diminished
during repetitive application of deformation and annealing in
Mg – 0.3 at% Zn – 0.1 at% Ca alloy.[18] It is important to note that
AH was not observed in coarse-grained pure metals.
The change of crystallographic texture during annealing of
plastically deformed materials may also cause AH.[19] This effect
was observed in coarse-grained AZ31Mg alloy processed by roll-
ing and additional compression. Figure 1 shows the change of
texture during rolling and subsequent compression. First, cold
rolling with 7% thickness reduction was performed on a recrys-
tallized AZ31 sheet with a grain size of about 16 μm. This proc-
essing step resulted in a (00.2) texture in normal direction (ND)
(Figure 1). The subsequent compression for a strain of 2% along
transverse direction (TD) led to extension twinning on planes
(10.2).[19] This deformation mechanism is preferred if the hexag-
onal c-axis (i.e., direction [00.2]) is perpendicular to the compres-
sion direction since in this case the Schmid factor of extension
twinning is the highest.[20] This twinning process corresponds to
a rotation of direction [00.2] with an angle of 86. Therefore, a
part of (00.2) texture in direction ND turned into (00.2) texture
in direction TD as shown in Figure 1. This sample is regarded as
the deformed material in this study. Annealing of this specimen
at temperatures between 473 and 623 K for 0.5–3 h resulted in
recrystallization that removed (10.2) extension twins from the
microstructure and restored (00.2) texture in direction ND.[19]
The change of the texture during annealing led to different defor-
mation mechanisms in the deformed and annealed specimens
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Figure 1. The change of texture in coarse-grained AZ31 Mg alloy during
rolling and subsequent compressions in TD and ND directions. Data were
taken from the references[19]
www.advancedsciencenews.com www.aem-journal.com
Adv. Eng. Mater. 2019, 1900507 1900507 (2 of 14) © 2019 The Authors. Published by WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
during compression in direction ND. Figure 2 shows that in the
deformed sample detwinning was the main deformation mech-
anism in the beginning of compression in ND direction since the
regions twinned in the preliminary TD compression had a high
Schmid factor for twinning back to the original crystallographic
direction (i.e., for detwinning). The occurrence of detwinning
was also indicated by the plateau on the stress–strain curve after
yielding. During detwinning process, the existing twin bound-
aries are migrating without new twin nucleation; therefore, det-
winning requires low stress. In contrast, in the annealed sample
ND compression was carried out parallel to the crystallographic
(00.2) direction. Therefore, extension twinning/detwinning did
not occur and dislocation glide in the <a> and <cþa> disloca-
tion slip systems must have been activated during ND compres-
sion. However, the slip of <a> dislocations is difficult due to
(00.2) texture, and <cþa> dislocations have large critical
resolved shear stress.[19] Thus, annealing resulted in an increase
in yield strength as shown schematically in Figure 2. It should be
noted that the ultimate tensile strength was not higher for the
annealed AZ31 sample than that for the deformed material since
the easy detwinning occurred only in the beginning of compres-
sion of the predeformed specimen. A former study has shown
that even a compressive strain of 3% in direction ND is enough
for complete detwinning.[21]
It is also worth noting that AH was also observed in coarse-
grained AZ31 alloy when the temperature and duration of heat
treatment was only 443 K and 15min, respectively, i.e., recrystal-
lization did not occur and (10.2) twins remained in the micro-
structure even after annealing.[21] In this case, the
phenomenon of AH was caused by the segregation of Al and
Zn atoms to twin boundaries. Detwinning occurred by the
motion of twin boundaries in both the prestrained and the
annealed samples; however, the segregated solute atoms pin twin
boundaries in the annealed material, thereby resulting in AH.
The significance of solute segregation in the AH effect was also
shown by the fact that similar heat treatment in twinned pure
magnesium did not lead to hardening.[21] Segregation of Gd
and Zn solute atoms to twin boundaries was observed in Mg
alloys annealed after 2–3% compression even if the twin bound-
aries are coherent.[22] The periodic distribution of solute ele-
ments on coherent twin boundaries reduced the lattice strains
along twin boundaries. The large (e.g., Gd) and small (e.g., Zn)
atoms occupied extension and compression sites in the twin
boundaries. Then, both the twin boundary energy and the strain
energy in the grain interiors caused by the solute atoms
decreased. The segregation of alloying elements to twin bound-
aries impeded twin boundary motion during subsequent
deformation, resulting in the AH effect.[22] Namely, the yield
strength increased by 20% from 75 to 90MPa in the preliminary
compressed Mg – 0.2 at% Gd alloy (the strain was 2.5%) after
annealing at 423 K for 3 h. The significance of Gd segregation
to twin boundaries in the AH effect was also revealed in
coarse-grained Mg – 10% Gd – 3% Y – 0.3% Zr alloy.[23]
The demand for strength enhancement induced the develop-
ment of novel manufacturing techniques of UFG and nanocrys-
talline materials.[7,9,24] These processing methods can be
classified as “bottom-up” and “top-down” approaches. In the for-
mer methods, the UFG or nanomaterials are assembled from
atoms or molecules while during the latter procedures the
fine-grained microstructures are achieved by SPD-processing
of coarse-grained bulk materials. Both groups of techniques yield
very high defect densities in the as-processed samples. After
overviewing the effect of AH in coarse-grained materials, the
question naturally arises whether annealing of UFG and nano-
materials at moderate temperatures may result in an additional
hardening, and due to the higher defect density this AH effect is
higher or not than in the coarse-grained counterparts. In the next
sections, the existing knowledge in the field of AH for UFG and
nanocrystalline materials is summarized. Individual sections are
devoted to samples processed by “bottom-up” and “top-down”
techniques. Moreover, another interesting effect, the so-called
“deformation-induced softening” in anneal-hardened materials
will also be discussed in an additional section. This phenomenon
implies the decrease of strength in UFG and nanomaterials dur-
ing plastic deformation. This effect is also referred to as “work
softening” or “deformation softening” (DS). The latter name will
be used throughout this overview.
3. Annealing-Induced Hardening in Ultrafine-
Grained and Nanocrystalline Materials
The first studies on the phenomenon of AH in UFG and nano-
crystalline materials were published in the early 1990s.[25–27] In
these studies, an Al-1.5%Mg solid solution and a Ni3Al interme-
tallic compound were studied. First, these materials were proc-
essed by high pressure torsion (HPT) SPD technique to the
equivalent strain of 7 at RT. HPT-processing yielded a grain
size of 150 and 50 nm for Al-1.5% Mg and Ni3Al, respec-
tively.[25,27] For both alloys, annealing at the homologous temper-
ature of 0.37 for 30min resulted in 13% and 32% higher
hardness than the initial value for the HPT-processed Al-1.5%
Mg and Ni3Al samples, respectively. This homologous tempera-
ture corresponds to 373 and 623 K for Al – 1.5% Mg and Ni3Al,
respectively.[25,27] It was proposed that AH was caused by the
relaxation of grain boundaries during annealing. In the HPT-
processed samples, there was a high fraction of nonequilibrium
Figure 2. A schematic illustrating the compressive stress–strain curves for
AZ31 alloy processed by a combination of rolling and compression along
axis TD, as well as for the sample annealed after TD compression. The
compression for both specimens was performed along axis ND.
Reproduced with permission.[19] Copyright 2016, Elsevier.
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boundaries. During the heat treatment at the homologous
temperature of 0.37, the boundaries were relaxed and their
Hall-Petch hardening effect became higher. The term “grain
boundary relaxation” means that the excess defects in the grain
boundaries are annihilated and the boundary structure becomes
more equilibrated. The effect of AH on hexagonal Ti with 99.53%
purity processed by HPT was also demonstrated at the end of
1990s.[28] A heat treatment at 523 K (corresponding to the homol-
ogous temperature of 0.27) for 2 h resulted in an increase of ulti-
mate tensile strength from 1500 to 1700MPa, while the grain
size remained practically unchanged (80 nm). In this case,
AH was explained again by the relaxation of grain boundaries
in the UFG microstructure. It is noted that an increase in the
yield strength was not observed for this Ti sample. In this case,
the mechanical properties were determined by a three-point
bending test. During bending, the deformation is not uniform
in the specimen, i.e., the plastic flow occurs first at the com-
pressed and stretched surfaces of the sample while the middle
of the beam deforms only elastically. As a result, the determina-
tion of the onset of plasticity (i.e., the yield strength) is uncertain;
therefore, the AH effect may not be revealed.
In the last 20 years, the effect of AH was studied in detail for
different pure metals and alloys processed either by bottom-up or
top-down approaches. According to the literature, the following
possible reasons of AH were indentified: 1) grain boundary relax-
ation; 2) annihilation of mobile dislocations; 3) reduction of the
densities of easy dislocation sources; 4) arrangement of disloca-
tions into “hard” configurations; 5) formation of vacancy clusters
from excess vacancies; 6) segregation of solute atoms to disloca-
tions; 7) segregation of solute atoms to twin faults; 8) segregation
of solute atoms to grain boundaries; 9) formation of stacking and
twin faults; and 10) development of “hard” texture.
In the following sections, first the phenomenon of AH will be
discussed for SPD-processed UFG materials, then the results
obtained for this effect in nanomaterials fabricated by bottom-
up methods will be presented. Table 1 lists the relative increase
Table 1. The relative hardening observed after annealing of different UFG and nanomaterials. The processing of the samples was usually carried out at RT.
If other temperature was applied, it is indicated in the column “Processing method.” The grain sizes of the samples obtained by electron microscopy are
also shown. For some samples, the duration of annealing is not shown as in these cases the material was heated up to the given temperature in












Samples processed by top-down approaches
99.99% Al N.A. 6 ARB 423 K, 30 min N.A. 9 [29]
99.99% Al 690 6 ARB 448 K, 30 min 97 7 [30]
99.7% Al 345 12 CRa) 423 K, 30 min 167 8 [31]
99.7% Al 345 12 CR EPAa), 2 min 167 14 [31]
99.5% Al N.A. 6 ECAP 383 K, 4 h 142 9 [32]
99.5% Al N.A. 7 ECAP 353 K, 4 h 142 8 [32]
99.2% Al 180 6 ARB 423 K, 30 min 259 8 [33]
Al-1.5%Mg 150 HPT (ε¼ 7) 373 K, 30 min 1500b) 13 [25]
99.99% Ni 300 EDa)þ rolling at LNT 547 K, 5 min 2730b) 5 [34]
Ni-1.3% (Mo, Al, Fe) 130 20 HPT 600 K 970 19 [35]
Ni-8.6% (Mo, Al, Fe) 130 20 HPT 630 K 1367 3 [35]
Ni-1%Fe 15 MAa) 623 K, 1 h 6100b) 3 [36]
Ni-10%Fe N.A. MA 523 K, 1 h 6100b) 7 [36]
Cu-7%Al 63 6 HPT 523 K, 2 h 3100b) 5 [37]
Cu-12.1%Al-4.1%Zn 30 Rolling at LNT 473 K, 1 h 2700b) 11 [38]
Cu-12.1%Al-4.1%Zn N.A. Rolling at LNT 473 K, 1 h 768 9 [39]
Cu-12.1%Al-4.1%Zn N.A. CR 473 K, 1 h 720 11 [39]
Cu-4.3%Al-22.8%Zn 37 Rolling at LNT 473 K, 1 h 2300b) 15 [38]
Cu-30%Zn-5%Zr N.A. Milled at LNT 473 K, 1 h 3200b) 34 [40]
CoCrNi 126 3 ECAP 773 K, 1 h 1191 9 [41]
CoCrNi 40 5 HPT 773 K, 1 h 6090b) 26 [42]
CoCrFeMnNi N.A. CR 773 K, 1 h 3940b) 9 [43]
Ni3Al 50 HPT (ε¼ 7) 623 K, 30 min 6130b) 32 [27]
Fe-10%Ni N.A. MA 473 K, 1 h 7600b) 12 [36]
Fe-4%Al-11%Si 10 MA 723 K, 1 h 9800b) 17 [36]
99.98% Mg 3000 3 HE 573 K, 6 h 98 28 [44]
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of yield strength or hardness due to AH for both groups of mate-
rials. It should be emphasized that those processes are regarded
as AH effects that result in hardening during annealing without
significant changes in the grain size and/or the phase
composition.
3.1. Strengthening Caused by the Heat Treatment of
SPD-Processed UFG Materials
Annealing of SPD-processed UFG or nanocrystalline materials
may yield a considerable strengthening.[29,35,37,48,49,51,58] There
may be many reasons of this hardening such as annihilation
of mobile dislocations or formation of precipitates in supersatu-
rated solid solutions during SPD-processing.[59–61] However,
only those phenomena are regarded as AH effects that do not
involve phase transformation. The possible reasons of AH are
listed earlier. The homologous temperature of the maximum
achievable hardness or yield strength was different for the vari-
ous materials; however, for the majority of SPD-processed sam-
ples, it was between 0.35 and 0.45 Tm, where Tm is the melting
point.[25,27,31–33,35,38,39] This range corresponds to the tempera-
tures of about 400–600 K. Due to the moderate temperatures
of AH, grain growth and recrystallization are usually avoided.
One possible reason of AH is the annihilation of mobile dis-
locations and the clustering of the remaining dislocations into
low energy hard configurations, such as low angle grain bound-
aries or dipolar dislocation walls. For instance, for UFG Ni –
1.3 wt% (Mo, Al, Fe) alloy processed by HPT at RT heating up
to 600 K in a calorimeter yielded an increase of the yield strength
from 970 to 1140MPa, which corresponds to an enhancement of
19% (see also Table 1).[35] The ultimate tensile strength also
increased by 13% from 1370 to 1570MPa. These changes in
the strength were above the experimental error of the measure-
ments. The tensile engineering stress–strain curves for the HPT-
processed alloy and the sample heated up to 600 K are shown in
Figure 3. This temperature corresponds to the beginning of the
main exothermic DSC peak in the thermogram taken by calorim-
etry (see also Figure 3). For this Ni alloy, 600 K is equivalent to
the homologous temperature of 0.35. This heat treatment did not
cause either precipitation or grain growth. The grain size was
180 nm in the HPT-processed sample that remained
unchanged after heating up to 600 K as shown in Figure 4. In
contrast, the dislocation density decreased from 27 1014 to
17 1014 m2 due to recovery. In addition, the remaining dis-
locations were rearranged into a more clustered configuration as
suggested by the decrease of the dislocation arrangement param-













99.98% Mg 3000 1 HEþ 1 CDa) 473 K, 6 h 127 18 [44]
CP-Ti 80 15 ASRþ 4 SRa) 473 K, 20 min 805 4 [45]
CP-Ti 120 HPT (ε¼ 7) 573 K, 10 min 800 25 [46]
Zn-22% Al 400 Rolling at RT 523 K, 1.5 h 195b) 162 [47]
Zn-22%Al-0.3%Cu 300 Rolling at RT 523 K, 30 min 420b) 90 [47]
Samples processed by bottom-up approaches
Ni 30 ED 423 K, 1 h 839 10 [48]
Ni 30 ED 473 K, 1 h 4300b) 15 [49]
Ni 15 ED 473 K, 1 h 6800b) 18 [50]
Ni-1.2%P 10 ED 673 K, 1 h 6500b) 47 [51]
Ni-2.8%Mo 13 ED 623 K, 1 h 5800b) 28 [49]
Ni-9.1%Mo 9 ED 683 K, 1 h 5800b) 46 [49]
Ni-12.7%Mo 6 ED 713 K, 1 h 5500b) 70 [49]
Ni-18.7%Mo 4 ED 783 K, 1 h 5200b) 110 [49]
Ni-21.5%Mo 3 ED 798 K, 1 h 5000b) 126 [49]
Ni-1%Fe 16 ED 479 K, 1 h 5950b) 3 [52]
Ni-15%Fe 9 ED 523 K, 1.5 h 1587 16 [53]
Ni-23%Fe 22 ED 523 K, 1.5 h 1710 27 [54]
Ni-5%W N.A. ED 673 K, 1 h 5600b) 16 [55]
Ni-15%W N.A. ED 673 K, 1 h 5600b) 11 [55]
Ni-21%W 3 ED 573 K, 1 h 7700b) 20 [56]
Cu-10%Nb 25 MS 573 K, 1 h 5100b) 3 [57]
a)CR, cold rolling; ASR, asymmetric rolling; SR, symmetric rolling; CD, cold drawing; MA, mechanical alloying by ball milling; MS, magnetron sputtering; EPA, electric pulse
annealing; ED, electrodeposition; b)The hardness values.
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diffraction line profile analysis and describes the degree of
mutual shielding of the strain fields of dislocations.[63] The value
of the dislocation arrangement parameter decreases if the dislo-
cations are arranged into low energy configurations such as
dipolar dislocation walls or low angle grain boundaries. The
clustering of dislocations into boundaries during annealing to
600 K was also confirmed by the increase in the fraction of
low angle grain boundaries from 23% to 41% as revealed by elec-
tron backscatter diffraction (EBSD) experiments.[35] The variation
of the low-angle grain boundary fraction and the schematic
change of the arrangement of dislocations are also shown in
Figure 4. It was shown formerly that clustered dislocation struc-
tures, such as low angle grain boundaries and dipolar walls, have
a higher strengthening effect than that of a randomly distributed
dislocation ensemble. This effect was manifested in the increase
of the value of parameter α in the Taylor equation when the ran-
dom dislocation structure is clustered. This parameter character-
izes the hardening of a unit dislocation density. Therefore, the
more clustered dislocation structure in the sample annealed at
600 K has a higher hardening effect. In addition, most probably,
mainly the mobile dislocations were annihilated during anneal-
ing at 600 K, which made the subsequent plastic deformation
more difficult.[29] Thus, the annihilation of dislocations during
heat treatment might have also contributed to AH. In addition,
the relaxation of nonequilibrium high-angle grain boundaries
during annealing may yield a more difficult emission of disloca-
tions from the boundaries, and this effect may also result in hard-
ening.[58] Figure 3 also reveals that if the HPT-processed UFG
Ni – 1.3 wt% (Mo, Al, Fe) sample was heat treated up to the end
of the main exothermic DSC peak (830 K), softening occurred
due to recrystallization, which was accompanied by the decrease
in the dislocation density below 1013 m2 and a grain growth
from 180 to 870 nm. For this material, 830 K corresponds
to the homologous temperature of about 0.48.
The influence of the increase of the solute content on AH was
also studied in the HPT-processed Ni(Mo,Al,Fe) alloy.[35] The Mo
concentration was enhanced from about 0.3 to 5 at%, leading
to the composition of Ni – 8.6 wt% (Mo, Al, Fe). The increase in
Figure 3. Tensile engineering stress–strain curves for the HPT-processed
Ni – 1.3 wt% (Mo, Al, Fe) alloy and the samples heated up to 600 and
830 K. Reproduced with permission.[35] Copyright 2018, Wiley. The former
and the latter temperatures correspond to the beginning and the end of
the main exothermic DSC peak shown at the top of the figure. Reproduced
with permission.[62] Copyright 2017, Elsevier.
Figure 4. Evolution of the grain size, the dislocation density, the dislocation arrangement parameter, and the fraction of low-angle grain boundaries
(LAGBs) for Ni – 1.3 wt% (Mo, Al, Fe) alloy processed by HPT and subsequently heated up to 600 and 830 K. The schematics above this diagram illustrate
the arrangement of dislocations into LAGBs without grain-growth during annealing at 600 K. Reproduced with permission.[35] Copyright 2018, Wiley.
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solute concentration led to an enhancement of the dislocation
density to 59 1014 m2 and a reduction of the grain size to
130 nm.[62] Due to the stabilization effect of alloying elements,
the main exothermic DSC peak started at higher temperature
(630 K). Although, heating of the HPT-processed sample to this
temperature yielded AH, the increase in the yield strength was
only 2.4% from 1367 to 1400MPa. The improvement of the ulti-
mate tensile strength was also smaller (8%) than for the alloy
with a lower solute content.[35] The lower AH can be explained
by the hindering effect of solute atoms on the rearrangement of
dislocations into low-angle grain boundaries during annealing.
Unlike for coarse-grained materials, in the case of SPD-
processed UFG materials, the AH may also occur in very dilute
alloys and pure samples such as Al, Mg, and Ti.[31,44,45,64] In pure
SPD-processed materials, there is a high density of dislocations;
therefore, the annihilation of its mobile fraction and the cluster-
ing of the remaining dislocations have a significant effect on
strength. In addition, due to the UFG microstructure, there is
a high amount of grain boundaries; therefore, their relaxation
can cause considerable hardening since the emission of disloca-
tion from relaxed boundaries is more difficult than from non-
equilibrium boundaries. For instance, AH was observed in
UFG aluminumwith 99.7% purity processed by 12 passes of cold
rolling, which corresponded to an equivalent strain of 4.9.[31]
Prior to each pass of rolling, the sample was immersed into liq-
uid nitrogen. The average grain size of the as-processed material
was about 350 nm. It should be noted that the grains were elon-
gated due to rolling. Two different methods were used for
annealing: 1) traditional air furnace annealing at 423 K for
30min and 2) electric pulse annealing with 500 A cm2 average
current density for 2min. In the latter case, the temperature of
the sample increased to 400–423 K. Electric pulse annealing did
not change the grain size while after furnace annealing the grain
size increased to about 450 nm. Electric pulse and the furnace
annealing processes resulted in an increase in the yield strength
by 14% and 8%, respectively (see also Table 1), which was
explained by the annihilation of mobile dislocations and the
reduction of the number of easy dislocation sources. It should
be noted that a higher hardening was achieved in a shorter time
by electric pulse annealing since the electric pulses promoted the
recovery of the dislocation structure.[31]
AH was also observed in commercially pure Al samples with
99.5% (1050 series) and 99.2% (1100 series) purities.[32,33] In the
former case, the Al samples were processed by 6 and 7 passes of
equal channel angular pressing (ECAP) at RT.[32] Annealing for
4 h at 383 and 353 K for 6 and 7 passes, respectively, resulted in a
maximum in the yield strength versus temperature diagram.
This maximum is 8–9% higher than the yield strength
(142MPa) of the ECAP-processed material (Table 1). This AH
effect was explained by the clustering of excess vacancies in
the SPD-processed samples during annealing. These clusters
can hinder the motion of dislocations, thereby resulting in hard-
ening. The AH effect was also observed in Al with 99.2% purity
processed by 6 passes of accumulative roll bonding (ARB) at
RT.[33] Annealing at 423 K for 30min resulted in an 8% increase
in the yield strength (Table 1). This phenomenon was explained
by the annihilation of mobile dislocations. Indeed, the disloca-
tion density decreased from 1.3 to 0.5 1014 m2, and most
probably, mainly the mobile dislocations were annihilated. It is
noted that the same relative strengthening (the yield strength
increased by 9%) was observed for 4N purity Al SPD-deformed
and annealed under the same conditions as applied for 99.2%
purity Al.[29] Annealing of the ARB-processed 4N purity Al at
a slightly higher temperature of 448 K for 30min led to a similar
increase in the yield strength (7%).[30] This indicates that AHmay
occur even in pure metals if they are processed by SPD.
The effect of AH was also observed in SPD-processed pure
hexagonal structures such as Mg with 99.98% purity. A Mgmate-
rial was deformed by 3 passes of cold hydrostatic extrusion (HE)
to the equivalent strain of 3.2, resulting in a grain size of
2–3 μm.[44] The yield strength of the SPD-processed pure Mg
samples increased by 28% during annealing at 573 K for 6 h
(Table 1). An additional sample was processed by 1 pass of
HE and subsequent cold drawing. This combined SPD-processing
also resulted in an equivalent strain of 3.2 and the same grain
size of 2–3 μm. However, the yield strength of the latter sample
(127MPa) was higher than the value obtained for the specimen
processed by 3 passes of HE (98MPa). For the material processed
by the combined SPD-processing, annealing at 473 K for 6 h
led to an increase of the yield strength by 18%. The AH effect
for both Mg samples was explained by the thermally activated
extension of the cores of <cþa> pyramidal edge dislocations
in the basal plane of Mg.[44] This dislocation dissociation
increased the yield strength due to self-blocking of <cþa>
dislocations.[65] Similar to the yield strength, the ultimate tensile
strength also increased while the elongation to failure only
slightly decreased or remained unchanged.[44]
Commercially pure (Grade 2) Ti with a hexagonal structure
also exhibited AH after SPD-processing.[45] SPD was performed
using a combination of asymmetric rolling for 15 passes (corre-
sponds to an 83% thickness reduction) and symmetric rolling for
4 passes (corresponds to an 80% thickness reduction) at RT. The
rolled Ti with the grain size of 80 nm was annealed at 473 K for
20min, which resulted in an increase in the yield strength by 4%
(Table 1). The effect of AH was explained by the annihilation of
mobile dislocations and the ordering of the remaining disloca-
tions into “hard” clustered configurations as discussed earlier.
It is noted that the homologous temperature of this AH phenom-
enon was relatively low (0.24 Tm). For HPT-processed Ti, the
AH effect was observed at a higher homologous temperature of
0.30 Tm.[46] Annealing resulted in an increase in the yield
strength from about 800 to 1000MPa, corresponding to an
enhancement of 25% (Table 1). The ultimate tensile strength
was improved similarly. In addition, the elongation to failure
was improved from 12% to 20% due to annealing. This is an
exceptional behavior as AH usually results in an unchanged
or slightly lower ductility as compared with the SPD-processed
state. The AH effect was attributed to the annihilation of mobile
dislocations and the ordering of the remaining ones at the grain
boundaries. Figure 5 shows schematically the specific arrange-
ment of dislocations observed by high-resolution transmission
electron microscopy (HRTEM) at a grain boundary after the heat
treatment of the HPT-processed Ti.[46]
The effect of AH was also observed in 99.99% pure Cu and Ni
with UFGmicrostructures.[34] These materials were processed by
the combination of electrodeposition and subsequent rolling at
liquid nitrogen temperature (LNT) to a thickness reduction of
95%. The grain sizes in the UFG Cu and Ni were 200 and
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300 nm, respectively. In addition, some grains in Cu contained
twin lamellas with a thickness of 20 nm. These twins might be
formed either during rolling at LNT or by self-annealing during
the transmission electron microscopy (TEM) sample preparation
at RT. Such twins were not observed in Ni due to the much
higher SFE as compared with Cu. The cryrolled samples were
annealed at different temperatures for 5min.[34] First, the hard-
ness decreased with increasing annealing temperature; however,
at 464 and 547 K for Cu and Ni, respectively, a peak was observed
on the hardness-temperature curve. It should be noted that for Ni
the hardness corresponding to this peak was only 5% higher than
that for the non-annealed state, whereas for Cu this was only a
local maximum and the hardness corresponding to the peak was
26% lower than the value measured on the deformed sample.
Therefore, in the latter case, the effect cannot be regarded as
AH, and the corresponding data were not listed in Table 1.
Anyway, the local hardness increase was explained by the devel-
opment of small twins in the early stage of recrystallization.[34]
It is noted that similar peak was observed on the yield strength
versus temperature diagram at 423 K for ECAP-processed
1100 and 3004 Al alloys.[66]
Alloying of Cu can result in a change of the mechanism of AH.
It was shown that in strongly alloyed Cu-Al-Zn solid solutions the
effect of AH was mainly caused by the solute segregation to lat-
tice defects and the formation of twin and stacking faults during
annealing.[38,39] The same effect was observed for a HPT-
processed Cu-7%Al alloy.[37] The significant contribution of pla-
nar faults to hardening can be attributed to the low SFE of these
alloys. For instance, the SFE of Cu – 12.1% Al – 4.1% Zn alloy is
7mJm2, while for Cu – 4.3% Al – 22.8% Zn alloy this value is
10mJm2. These alloys were rolled at LNT to the thickness
reduction of 96%, leading to the grain sizes of 30 and
37 nm for the former and the latter materials, respectively.[38]
Annealing at 473 K for 1 h resulted in a hardness increase of 11%
and 15% for Cu – 12.1% Al – 4.1% Zn and Cu – 4.3% Al – 22.8%
Zn alloys, respectively (Table 1). It was also shown that the AH
effect on the yield strength was similar (9–11%) for Cu – 12.1%
Al – 4.1% Zn alloy rolled either at RT or LNT.[39]
The effect of AH was also observed for nanostructured brass
(Cu-Zn alloy) powder particles doped with 5 at% Zr and milled at
LNT.[40] Although the particle size was hundreds of microns, the
internal microstructure was nanocrystalline. After annealing at
473 K for 1 h, the hardness increased from 3200 to
4300MPa. Further increase in the temperature of heat treat-
ment yielded gradual decrease in hardness; however, it remained
higher than the initial value up to 1073 K.[40] The reason of this
very great AH effect was not studied. The segregation of Zr at
grain boundaries and a possible formation of a Zr-containing
intermetallic phase were listed as potential reasons of AH. It
should be noted that a recent study proposed that solute segre-
gation to grain boundaries in nanocrystalline SPD-processed
alloys during heat treatments is not the reason of AH.[67] It is
necessary only for the stabilization of the nanostructure at the
beginning of annealing but not the origin of AH but rather
the annihilation of mobile dislocations and the grain boundary
relaxation in the stabilized nanostructure caused hardening.
Indeed, it was shown that the decrease in the energy of grain
boundaries during relaxation can yield hardening as shown by
molecular dynamic simulations.[68] It was revealed that solute
segregation to boundaries in solute-doped nanocrystalline Cu
with the grain size of 8 nm can result in grain boundary relaxa-
tion, which was accompanied by the decrease in grain boundary
energy. The difference between the solute and solvent atomic
radii influenced this effect: the larger the size mismatch, the
higher the grain boundary energy decrease. The relaxed grain
boundaries with lower energies led to a more difficult grain
boundary sliding and grain rotation during deformation, yielding
a higher yield strength.[68]
AH can also occur in medium entropy and high entropy alloys
(MEAs and HEAs). For instance, 3 passes of ECAP at RT on
CoCrNi MEA led to the grain refinement to 126 nm.[41]
Then, annealing at 773 K for 1 h resulted in an increase in the
yield strength, ultimate tensile strength, and hardness by 9%,
25%, and 14%, respectively (Table 1). This AH was explained
by the formation of nanotwins and lamellas with a hexagonal
structure due to the low SFE of this MEA material. The same
heat-treatment for cold-rolled CoCrFeMnNi HEA caused a simi-
lar increase in the hardness (9%).[43] In this case, the AH effect
was attributed to a combined effect of the formation of a long-
range ordered structure, annihilation of mobile dislocations, and
grain boundary relaxation. In CoCrNi MEA processed by HPT at
RT, the increase in the hardness due to annealing at 773 K for 1 h
was 26%.[42] This AH effect was explained by the reduced mobile
dislocation density and the relaxation of grain boundaries. It is
noted that the hardness of HPT-processed nanocrystalline
CoCrFeMnNi HEA also increased during annealing at
723 K.[69] However, this effect was caused mainly by the forma-
tion of NiMn-, FeCo-, and Cr-rich phases in the matrix; therefore,
it is not discussed as AH.
It is interesting to note that remarkable AH effect was also
observed in Au nanopillars with a diameter of 300 nm and an
aspect ratio of two.[70,71] First, the pillars were precompressed
up to the strain of 35%. This processing resulted in a softening
due to the production of mobile dislocations. This DS effect is
discussed in Section 4. During subsequent annealing of the pre-
deformed pillars, hardening back to the level of the pristine pil-
lars was observed. The phenomenon of AH was attributed to two
major effects: 1) annihilation of mobile dislocations by climb and
2) nucleation of immobile jogs by climb during annealing. Both
processes resulted in a decrease in the mobile dislocation den-
sity, yielding hardening back to the strength of the pristine
pillars.[70,71]
The increase in the yield strength or the hardness due to AH is
usually not higher than 30%. In contrast, an extremely large AH
effect with 162% and 90% hardness enhancement was observed
Figure 5. A schematic showing the specific arrangement of dislocations
observed by HRTEM at a grain boundary after the heat treatment of a
HPT-processed Ti at 473 K for 20min. Data were taken from the references[46]
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for UFG Zn – 22% Al and Zn – 22% Al – 0.3% Cu alloys, respec-
tively.[47] The duplex microstructures of these materials contain-
ing Al and Zn phases were processed by cold rolling at RT. The
grain sizes in the cold-rolled Zn – 22% Al and
Zn – 22% Al – 0.3% Cu alloys were 400 and 300 nm, respectively.
Annealing at 523 K resulted in a grain growth with increasing
time due to the high homologous temperature (about 0.7).
First, the hardness increased with increasing grain size, but after
a critical grain size, the hardness started to decrease as shown in
Figure 6. The critical grain size values were 1.8 and 0.6 μm for
Zn – 22% Al and Zn – 22% Al – 0.3% Cu alloys, respectively. As
these alloys have low melting points (about 753 K), the grain
boundary sliding was a main deformation mechanism in the
UFG microstructures during the hardness test at RT (RT corre-
sponds to a homologous temperature of 0.4). The increase in the
grain size in the range under the critical grain size value resulted
in a more difficult grain boundary sliding, leading to harden-
ing.[47] At the same time, above the critical grain size dislocation
glide inside the grains became more prevalent; therefore, the
hardness decreased with the increasing grain size as suggested
by the Hall-Petch relation. Due to the grain-growth during
annealing, this phenomenon is not a typical AH effect.
AH has no systematic effect on the ductility of SPD-processed
UFGmaterials. For the majority of materials, AH yielded a slight
decrease in the uniform and total elongations or the ductility
remained unchanged as compared with the SPD-processed
state.[31,33,35,41,44] An exceptional behavior was observed for
HPT-processed Ti, where the elongation to failure was improved
from 12% to 20% due to annealing at the homologous tempera-
ture of 0.30 Tm.[46] This unusual behavior has not been clarified
yet.
3.2. Hardening Induced by Annealing of Nanocrystalline
Materials Produced by Bottom-Up Methods
The AH effect was also observed in nanocrystalline metallic
materials processed by bottom-up methods such as
electrodeposition.[29,48,49,52,54,72] For these samples, AH was usu-
ally caused by 1) grain boundary relaxation and/or 2) segregation
of solute elements to boundaries and/or 3) evolution of “hard”
crystallographic texture. In the first case, the emission of dislo-
cations from the relaxed grain boundaries becomes more diffi-
cult, which makes the material more resistant to yielding
under mechanical loads.[48,73,74] If the grain size is smaller than
10–20 nm, deformation mechanisms occurring in the grain
boundaries (e.g., grain boundary sliding or grain rotation) become
dominant. In this case, the solute segregation impedes the occur-
rence of these deformation mechanisms in the grain boundaries,
thereby hardening the material. It should be noted that the segre-
gation of solutes to the grain boundaries may also cause relaxation
since the grain boundary energy can decrease significantly due to
segregation.[68] In the third case, the original “soft” texture or the
randomly oriented microstructure turns into “hard” crystallo-
graphic orientation due to annealing. For instance, if the compres-
sion axis is perpendicular to <100> direction of a face-centered
cubic (fcc) material, the dislocation glide is easy; thus, this is a
“soft” texture. When heat treatment causes the development of
a <111> texture instead of <100> texture, the dislocation slip
becomes more difficult, leading to hardening.
The influence of alloying element concentration on the AH
effect was studied in Ni(Mo) films processed by electrodeposi-
tion.[49] In the as-deposited layers, the Mo concentration varied
between 0.8 and 21.5 at%. Then, the samples were annealed for
1 h at different temperatures between 300 and 1300 K. The hard-
ness was determined as a function of annealing temperature. As
examples, Figure 7a shows schematically the hardness versus
temperature for pure Ni film and for Mo concentrations of
9.1 and 18.7 at%.[49] A maximum was observed on the hardness
evolution for all Mo concentrations. Figure 7b shows the change
in the grain size, and the temperature of the maximum hardness
and the relative hardness increase in percentage as a function of
the Mo content. It was found that the increase of the Mo content
from 0.8 to 21.5 at% is accompanied with a decrease in the grain
size from 30 to 3 nm. The peak hardness was achieved at
higher temperatures for the samples with a larger solute content
due to the stabilization effect of the Mo atoms on the nanostruc-
tures. Figure 7b also reveals that the higher the Mo content, the
greater the AH effect. Indeed, for pure Ni film, the maximum
hardness increase was 20%, which increased to 125% when
21.5 at% Mo was added to Ni.[49] This trend in AH is opposite
to that observed for SPD-processed UFG Ni-Mo alloys. This dif-
ference was caused by the different mechanisms of plastic defor-
mation in SPD-processed UFG alloys and electrodeposited
nanomaterials. In the HPT-processed Ni alloys, the higher solute
content impeded the annihilation of mobile dislocations and
the clustering of the remaining dislocations during annealing,
leading to a reduced AH effect.[35] In nanocrystalline Ni-Mo
films, the main deformation mechanism is grain boundary
sliding due to the very small grain size. During annealing, the
alloying elements were segregated to grain boundaries, which
hindered grain boundary sliding. This effect was more pro-
nounced in alloys with higher solute contents, leading to a more
pronounced AH.
The solute-segregation-induced AHwas also observed for elec-
trodeposited Ni – 1 wt% Fe alloy annealed at 479 K for 1 h;
however, in this case, the hardness increase was only 3%.[52]
Figure 6. The relationship between the hardness and the grain size in
Zn – 22% Al – 0.3% Cu alloy rolled at RT and subsequently annealed
at 523 K for different times. Reproduced with permission.[47] Copyright
2009, Elsevier. Below the critical grain size of 0.8 μm, annealing-hardening
was observed, while above this value annealing caused softening.
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The grain size of this material was 16 nm. The AH effect was
observed just before the grain size started to grow during anneal-
ing. The effect of AH was explained by the segregation of Fe, C,
and O solutes to grain boundaries as revealed by atom probe
tomography.
Grain boundary relaxation has a significance in the increase
in hardness during annealing of electroplated films. This effect
was demonstrated on nanocrystalline Ni – 15 wt% Fe and Ni –
23 wt% Fe alloys processed by electrodeposition.[53,54] The as-
deposited Ni – 23 wt% Fe alloy can be characterized with an
(100) out-of-plane texture, an average grain size of 22 nm,
and a homogeneous distribution of Ni and Fe. At the same time,
the sulfur impurity was segregated at the grain boundaries: about
110 and 500 ppm were detected in the grain interiors and the
grain boundaries, respectively. Annealing at 523 K for 1.5 h
resulted in an increase in the compressive yield strength by
27% (Table 1). At the same time, neither the grain size nor
the spatial distribution of elements changed during the heat
treatment. Thus, it was concluded that grain boundary relaxation
caused the AH effect.[54] This relaxation made the boundaries
more ordered, thereby reducing their nonequilibrium nature.
It is believed that in nanocrystalline materials dislocations are
not stored in the grain interiors, but rather dislocations are accu-
mulated in the vicinity of grain boundaries. The grain boundary
relaxation may be accompanied by the annihilation of these dis-
locations. Indeed, the dislocation density decreased from 22 to
5 1014 m2 in Ni – 23 wt% Fe alloy during annealing. The
emission of dislocations from the relaxed boundaries is more dif-
ficult, thereby increasing the yield strength. Similar grain bound-
ary relaxation in electrodeposited nanocrystalline Ni – 15 wt% Fe
alloy with a grain size of9 nm annealed at 523 K for 1.5 h led to
an AH effect of 16%.[53] Table 1 reveals that the same concen-
tration of Mo in Ni resulted in a much higher AH effect than that
observed for Ni-Fe alloys, most probably due to the smaller grain
size in Ni-Mo alloys. It should be noted, however, that another
study revealed the occurrence of sulfur and carbon segregation
to the grain boundaries during annealing of an electroplated
Ni with the grain size of 15 nm, which was accompanied
by a hardness enhancement of 18%.[50] In electrodeposited
nanocrystalline Ni – 1.2 wt% P layer with a grain size of
10 nm, the segregation of phosphorus to grain boundaries and
the grain boundary relaxation caused a hardening of 47% as
shown in Table 1.[51]
In general, it was found that the type of solute atoms influen-
ces strongly the AH effect in Ni electrodeposits. For instance, Fe
and W alloying resulted in a lower relative increase in hardness
or yield strength than Mo solutes with the same concentration
(Table 1). In the case of iron, its less effectivity can be explained
with the similar sizes of Ni and Fe atoms. Comparing Mo and W
alloying, the diffusivity of Mo is higher than that for W in Ni;
therefore, its segregation to the grain boundaries in Ni electro-
deposits may occur before grain growth starts during anneal-
ing.[75] Therefore, the AH effect is more pronounced for a
certain concentration of Mo in Ni than for Fe or W alloying
(Table 1). For instance, for electrodeposited Ni – 21.5% Mo alloy
with a grain size of 3 nm, the AH effect was much higher
(126%) than that for Ni – 21% W alloy (20%) with the same
grain size (Figure 8).[49,56] It should be noted that the annealing
temperature was higher for the Ni – 21.5% Mo alloy (798 K) than
Figure 7. a) A schematic showing the hardness versus annealing temperature diagram for electrodeposited pure Ni film and Ni-Mo layers with the Mo
concentrations of 9.1% and 18.7%. The grain sizes (d) are also indicated at the curves. b) The change of the grain size, the temperature of maximum
hardness, and the relative hardness increase in percentage as a function of Mo content for electrodeposited Ni-Mo layers. Reproduced with permis-
sion.[49] Copyright 2017, American Association for the Advancement of Science.
Figure 8. The AH effect for electrodeposited Ni – 21.5% Mo alloy with a
grain size of 3 nm and that for Ni – 21% W alloy (20%) with the same
grain size. Data were taken from the references[49,56]
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for the Ni – 21% W alloy (573 K), which may influence the hard-
ening effect. However, even if 573 K was selected for the heat
treatment temperature of Ni – 21.5% Mo alloy, the AH effect
would be higher (60%) for this alloy than that for Ni – 21%
W alloy.[49]
The kinetics of grain boundary relaxation during annealing of
Ni – 21% W alloy was studied in the temperature range between
423 and 573 K.[56] It was found that the hardness increased line-
arly with the heat treatment time and saturated after 10–300min,
depending on the temperature as shown in Figure 9. A higher
temperature yielded a faster hardening. Assuming an Arrhenius
relationship between the rate of hardness increase and the tem-
perature, the activation energy of grain boundary relaxation was
determined as about 50 kJ mol1 for electroplated Ni – 21% W
alloy. This value is significantly lower than the activation energy
of grain boundary diffusion (115 kJ mol1).[56] At the same time,
the activation energy of diffusion along triple junctions in Ni at
low homologous temperatures (<0.33 Tm) was also about
50 kJmol1. It is also interesting that the rate of hardening
and time for saturation were similar for both 3 and 12 nm grain
sizes at all studied temperatures. These observations suggest that
rapid diffusion along triple junctions is a possible mechanism of
grain boundary relaxation at low temperatures. The lower the
grain size, the larger the strengthening effect caused by the grain
boundary relaxation.
Figure 10 shows the relative hardening achieved during
annealing for UFG and nanomaterials processed either by
top-down or bottom-up methods. The data were taken from
Table 1. In the grain size regime between 10 and 1000 nm, the
relative hardening varies between 3% and 30%, and its value does
not show any correlation with the grain size. At the same time,
for electrodeposited layers with very low grain sizes (3–6 nm),
an extremely large AH effect with the values above 60% was
observed. It should be noted, however, that beside the grain size
the relative hardening was also influenced by the type of alloying
elements in the electrodeposits. For instance, Figure 10 reveals
that Mo addition is more effective in AH than alloying with W
even if the grain size is the same for both films. Very large hard-
ening was also observed for SPD-processed UFG Zn-alloys with
low melting points. In these materials, the deformation mecha-
nisms occurring at the grain boundaries are prevalent during
room-temperature straining. Annealing of these materials
yielded considerable grain growth, thereby reducing the role
of grain boundary sliding in plasticity, which led to hardening.
It should be noted, however, that this is a special case as in the
majority of AH effects grain coarsening did not occur.
4. Deformation-Induced Softening in Anneal-
Hardened UFG Materials
For an UFG or nanocrystalline material hardened by annealing,
subsequent plastic deformation may yield softening. This DS
effect was observed on a 99.2% pure Al processed by ARB at
RT.[29,33] Annealing at 423 K for 30min resulted in an increase
in the yield strength from 259 to 281MPa. Then, subsequent cold
rolling with a thickness reduction of 15% led a restoration of the
lower yield strength. In these samples, the thickness of the lame-
lar grains was about 200 nm; therefore, dislocation glide was the
main deformation mechanism. Thus, cold rolling after annealing
caused an increase in the density of mobile dislocations, leading
to a softening in the sample hardened formerly by annealing. It
should be noted that if the thickness reduction of cold rolling
increased from 15% to 50%, the yield strength increased back
to the value observed after annealing (to about 300MPa). This
effect was explained by clustering of dislocations formed during
rolling after annealing. A clustered dislocation structure has a
higher hardening effect than that for a uniform dislocation dis-
tribution as discussed in Section 3.1.
It was shown in Section 3.1 that compressed single crystal Au
nanopillars with a diameter of 300 nm exhibited hardening after
annealing due to the formation of short jogs on dislocations.[70,71]
Additional compression after annealing resulted in a vanish of
these jogs, leading to a restoration of the lower original yield
strength measured on the pristine pillars before annealing.
Thus, DS effect was detected on the heat-treated nanopillars.
DS was also observed for annealed nanocrystalline HEA
samples.[69] This effect was attributed to the deformation-
induced dissolution of NiMn- and FeCo-rich intermetallic
Figure 10. The relative AH versus the grain size for UFG and nanomate-
rials processed by top-down and bottom-up methods. The data were taken
from Table 1.
Figure 9. The hardness versus the annealing time for electrodeposited Ni
– 21% W alloy heat treated at the temperatures of 423, 498, and 573 K.
Data were taken from the references[56]
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phases, which were produced during annealing. Therefore, the
longer the annealing time, the more pronounced the DS effect.
The destabilization of precipitates was explained by the accumu-
lation of dislocations at the matrix/particle interfaces, which may
increase in the interface energy.[69]
It should be noted that SPD-processing of materials with low
melting temperatures can cause DS effects without any prelimi-
nary annealing. This phenomenon was observed on pure UFG
Al, In, Sn, Pb, Zn metals, and an Al-Zn alloy.[76–80] The low melt-
ing points and the UFG microstructures of these SPD-processed
materials promote the occurrence of grain boundary sliding dur-
ing hardness measurement at RT. Therefore, these materials
show softer plastic behavior compared with their coarse-grained
counterparts before SPD-processing. It should be noted that this
DS effect depends on the purity level of the material. For
instance, in Al processed by HPT, DS was observed only if
the purity level reached 6N. In this material, the grain size
was refined gradually from 1 mm to 20 μm with increasing
the shear strain.[79] In the vicinity of the center of the disk proc-
essed for 1/8 HPT turn (for shear strains lower than about one),
the hardness increased in accordance with the Hall-Petch rela-
tionship (Figure 11). At the same time, for high strains, the hard-
ness was lower than that for the initial annealed state despite the
much smaller grain size. This inverse Hall-Petch behavior for 6N
Al was explained by the increased role of grain boundary sliding
in plastic deformation. Indeed, grain boundary sliding may
become a prevalent deformation mechanism in SPD-processed
Al even at RT.[80] After 1 turn of HPT, the hardness of 6N purity
Al was smaller in the whole disk than that for the initial coarse-
grained material (Figure 11). HPT-induced DS effect was also
observed for a supersaturated solid solution Al – 30% Zn alloy.[81]
In this case, DS was caused by the wetting of grain boundaries
with a 3 nm thick Zn-rich layer, which resulted in an easier
plasticity. DS effect without annealing was also detected in other
deformed low-melting-point alloys such as cold-rolled Zn – 22%
Al and Zn – 22% Al – 0.3% Cu alloys having a duplex microstruc-
ture with the grain size of 300–400 nm.[47]
5. Summary
In this article, the AH effect occurring in UFG and nanomate-
rials was overviewed. This phenomenon was observed in both
SPD-processed UFG materials and nanocrystalline samples
manufactured by bottom-up techniques. In most cases, the high-
est hardening was measured after short annealing (the duration
is not higher than 1 h) at the homologous temperatures between
0.35 and 0.45 Tm, where Tm is the melting point. This temper-
ature range corresponds to about 400–600 K. Due to the moder-
ate temperatures of AH, grain growth and recrystallization are
usually avoided.
For SPD-processed UFG materials, the hardening is usually
caused by the annihilation of mobile dislocations inside the
grains and their clustering into low energy configurations such
as low-angle grain boundaries. In addition, the relaxation of non-
equilibrium grain boundaries may also contribute to AH since
this relaxation leads to a more difficult emission of dislocations
from the boundaries. The clustering of excess vacancies may also
yield AH effect since the vacancy clusters can impede the motion
of dislocations. The relative increase in the room-temperature
yield strength or hardness caused by the AH effect is usually
between 3% and 30%, and its value does not show any correlation
with the grain size in the grain size regime between 10 and
1000 nm. A very large AH effect with the relative hardening
of 90–160% was observed for SPD-processed UFG Zn-alloys
annealed at the homologous temperature of 0.7. Due to the
high homologous temperature of the heat treatment, consider-
able grain growth was observed after annealing. Due to the
low melting points and the UFG microstructures of these
materials, the deformation mechanisms occurring at the grain
boundaries are prevalent in room-temperature straining of the
SPD-processed samples. The grain-growth during annealing of
these materials yielded a reduced role of grain boundary sliding
in plasticity, which led to hardening. It should be noted, however,
that this is a special case as in the majority of AH effects
grain coarsening did not occur.
For nanocrystalline samples processed by bottom-upmethods,
the AH affect was caused by the grain boundary relaxation and
the segregation of solutes to grain boundaries. Extremely large
AH effect with the values above 60% was observed for electro-
deposited layers with very low grain sizes (3–6 nm). Apart from
the grain size, the relative hardening was also influenced by the
type of the alloying elements. The highest AH effect with the
value of 126% was observed for Ni – 21.5 at% Mo layer processed
by electrodeposition.
Plastic deformation of the annealed UFG materials can yield a
restoration of the lower yield strength and hardness observed
before annealing. This DS effect can be attributed to the increase
in the density of mobile dislocations during deformation of the
annealed samples.
It should be emphasized that AH effect results in further
strengthening of UFG or nanocrystalline materials without con-
siderable deterioration of ductility. Therefore, this phenomenon
has a great practical significance since it can lead to a better
mechanical performance of nanomaterials. The improved
strength extends the applicability of UFG materials in the indus-
try. It is noted, however, that the strength increase is not very
high as usually it varies between 3% and 30%. Extremely large
Figure 11. The hardness as a function of the distance from the disk center
for HPT-processed 6N purity Al after 1/8 and 1 turns. Reproduced with
permission.[79] Copyright 2017, Elsevier.
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AH effect was observedmainly on nanocrystalline films with very
small grain sizes (<10 nm) processed by bottom-up methods.
Therefore, a great potential of the AH effect in the development
of ultrahard coatings can be visualized.
It is also worth noting that UFG materials usually have low
ductility and AH does not improve this feature of these materials
that limits its industrial impact. However, an important advan-
tage of AH is that this effect is universal, i.e., it was observed for
both pure UFG materials and alloys with different crystal struc-
tures processed either by bottom-up or top-down methods. This
universality of AH can be explained by the fact that the pheno-
menon is basically caused by the relaxation of the defect structure
that may occur in any material with high defect densities.
Therefore, AH processing of UFG and nanomaterials can be
used in many different industrial applications (e.g., manufactur-
ing surgical implants or hard coatings).
Although, many research efforts have been invested in the
study of the AH effect, some open questions still remained.
For instance, as more than one simultaneous process occurs
in the UFG microstructures during annealing (e.g., annihilation
of mobile dislocations and grain boundary relaxation), their rela-
tive contributions to the hardening must be clarified. Moreover,
as AH effect has a great potential for practical applications, a fur-
ther research direction may be the study of this phenomenon in
fine-grained materials processed by industrial techniques, such
as caliber rolling or drawing. In addition, until now, only the
mechanical performance of the materials treated by AH was
investigated, but for the possible applications, the study of the
influence of AH on the functional behaviors (e.g., electric, mag-
netic, and corrosion properties) is also necessary.
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